Introduction
In metal forming and plastic molding operations CrN coatings are widely used to protect the working tools from corrosion and oxidation [1] . However, the abrasive wear resistance and the hardness of CrN coatings are low in comparison to other transition metal nitrides and therefore not suited for protection of tools used for metal machining.
One way to improve the mechanical properties is to add Al forming a ternary system [2] .
It is possible to deposit metastable cubic (c)-CrAlN coatings with up to 60-70 at. % of Al-content [3, 4] . If the amount of Al is higher hexagonal (h)-AlN will form during deposition and the hardness decreases [4] . Since h-AlN is a more stable phase there is always a driving force for transformation of the cubic phase into the hexagonal phase.
Thus, at elevated temperatures where there is sufficient energy for diffusion the mechanical properties will deteriorate fast. The cubic phase and a high hardness can be retained up to 2 hours of annealing at 900 ۫C [4] . Results from Cr 0.32 Al 0.68 N coatings [5] show a weak age hardening process [6, 7] due to h-AlN precipitation at ~700 ۫C but at higher temperatures the mechanical properties deteriorate.
The performance of coatings for cutting tools depends highly on the hardness and the oxidation resistance at elevated temperatures. Because of temperatures reaching above 1000 ºC at the edge of a cutting tool during metal machining [8] , CrAlN coatings are usually inadequate for high-temperature and high-abrasive applications. On the contrary, TiAlN coatings are widely used for metal machining because of its superior mechanical properties at elevated temperatures. However, in terms of corrosion and oxidation resistance CrAlN coatings are superior [9] . In short, there is an opening for functional coatings having both high hardness and good oxidation resistance at elevated 4 temperatures. It has been pointed out, that improving thermal stability and oxidation resistance by fine-tuning the composition is a necessity for further advances in hard coating development [10] . Here we aim to do so through a multicomponent alloying concept. In this paper the influence of Ti additions to c-Cr 0.4 Al 0.6 N is investigated and coupled to the phase and microstructure evolution, the high temperature mechanical properties and the oxidation resistance. The results are obtained with scanning transmission electron microscopy (STEM and TEM), nanonindentation, x-ray diffraction (XRD), differential scanning calorimetry (DSC) and thermogravimetric analysis.
Experimental details
The coatings were deposited by an industrial Sulzer/Metaplas MZR-323 reactive cathodic arc evaporation system using a combination of different compound cathodes in a 4.5 Pa N 2 atmosphere onto polished WC-Co substrates and Fe foils at ~500 ºC with a substrate bias of -40 V. The WC-Co substrates and the Fe foils were mounted on a rotating sample fixture (3 rpm) inside the deposition system. The aim was to have an Al content close to 60 at. % therefore cathodes containing Ti 29 were mounted at different heights inside the chamber, yielding different compositions depending on where the substrate is placed in front of the cathodes. After evacuating the chamber to a base pressure of 1 mPa the substrates were sputter cleaned through Ar bombardment. Deposition for about 2 hours yielded coatings with a thickness of ~3 µm. See Ref. [11] for more details.
To establish the composition of the coatings a combination of elastic recoil detection analysis (ERDA) and energy-dispersive X-ray spectroscopy EDX was used. ERDA measurements utilized an 127 I 9+ ion beam with incidence angle of 22.5º and accelerated to 40 MeV. A time-of-flight and energy detector (TOF-E ERDA) was used for detection of the ejected species. The concentration ratios between nitrogen, aluminum and the sum of titanium and chromium, N:Al:Ti+Cr, was obtained with ERDA. To establish the Ti:Cr ratio EDX was used instead of ERDA due to the similar mass of titanium and chromium.
The thermal response from the coatings was measured using a Netzsch STA 410 differential scanning calorimeter (DSC). DSC samples were prepared by removal of coated Fe foils through mechanical grinding and subsequent dissolution in concentrated HCl (37%). The remaining coating was filtered cleaned with acetone and crushed to a 6 fine powder and approximately 50 mg powder was put in an Al 2 O 3 crucible used for the measurement. The measurement was conducted by heating the powder up to 1400 ºC at a rate of 20 ºC/min under a He flow of 50 ml/min. At 1400 ºC the sample was cooled down to room temperature and the heating was repeated. The second heating cycle was used for a base line correction of the thermal response in the first cycle.
The oxidation tests were conducted by heating the powder up to 1100 ºC at a rate of 5 ºC/min and 20 ºC/min in air at atmospheric pressure while measuring the sample mass.
Post deposition anneals were performed of the coated WC-Co substrates at T max = 700, 800, 900, 950, 1000, 1050 and 1100 ºC in an argon atmosphere at atmospheric pressure using a Sintervac furnace from GCA Vacuum Industries. The samples were annealed with a heating rate of 7 ºC/min up to 40 ºC below the final annealing temperature, T max , and then decreased to a rate of 5 ºC/min. T max was kept constant for 2 hours and thereafter the samples were cooled down to 500 ºC during 1.5 hours and to 100 ºC in 4
hours. This annealing procedure is the basis of the hardness measurements in Fig. 1 . The WC-Co substrates did not withstand annealing temperatures above 1100 ºC without reacting with the coating. Additionally, there are many overlaps in the XRD reflections from substrate and coating making interpretation more difficult. Therefore powder samples obtained from coated foils were heated in vacuum (~10 -2 Pa) at steps up to T max = 700, 800, 900, 950, 1000, 1050 and 1100, 1200, 1300, 1350 and 1400 ºC with a rate of 20 ºC/min. In this annealing series the same powder sample was repeatedly heated, cooled to room temperature, measured with XRD and then heated again to the next higher temperature, see Fig. 3 .
Panalytical X'Pert PRO MRD X-ray diffractometer using Cu K α radiation.
Scanning transmission electron microscopy, transmission electron microscopy, and Xray energy dispersive spectroscopy were performed with a FEI Tecnai G 2 TF 20 UT microscope operating at 200 kV. For the STEM analysis a high angular annular dark field detector using a camera length of 170 mm was used. Cross sectional TEM samples were prepared by mechanical grinding and polishing followed by Ar-ion beam milling. higher temperatures compared to the 1 and 2 at. % Ti-containing coatings. Our previous studies show that with 31 at. % Ti-content the age hardening initiates at a lower temperature of 850 ºC and is retained over a wider temperature range up to 1000 ºC [11, 13] . Surprisingly, both the 31 and 11 at. % Ti-containing coatings show similar high hardness at 1100 ºC. 12 bcc-Cr can be detected in both samples between 1300 ºC and 1400 ºC seen from the increasing peak intensities close to 2θ=44.4º.
At 1350 ºC and 1400 ºC weak peaks belonging to α-Al 2 O 3 are detected in both samples. show any significant increase from 1-3 nm at 900 ºC compared to 2-5 nm at 1100 ºC. Figure 9 shows a summary of the structure evolution up to 1100 ºC. 
Oxidation resistance

Discussion
Phase stability and hardness
The coatings contain a defect-rich structure in the as-deposited state generating high stresses and a high hardness. Upon annealing at 700 ºC, the coatings exhibit compressive stress relaxation and recovery processes. These processes normally lead to a hardness decrease frequently observed in arc evaporated coatings [14, 15] . This can also be related to the thermal response exhibiting an exothermic peak at T 1 ≈600 ºC which is around 100 ºC above the deposition temperature. For Ti 0.11 Cr 0.28 Al 0.61 N the stress relaxation is less pronounced, the corresponding exothermic peak at T 1 ≈600 ºC is suppressed and the hardness is more or less constant up to 700 ºC. This indicates that the stress in the as An endothermic reaction related to the release of chromium-bonded nitrogen is seen as strong peaks close to T 6 ≈1300 ºC. But the nitrogen release and consequently also an endothermic contribution is initiated already at T 3 ≈1000 ºC, seen from the negative mass change. This is the reason behind the negative trends in the thermal response seen above T 3 ≈1000 ºC for the samples with 1 and 2 at. % Ti.
For the higher Ti-containing (11 at. %) coating it appears as the nitrogen vacancy formation is less energetically favorable, which results in the observed lower nitrogen release rate between T 3 ≈1000 ºC and T 5 ≈1300 ºC. It also shifts the exothermic reaction originating from the transformation of c-CrN into β-Cr 2 N at T 4 = ~1150 ºC [16] to ~50 ºC higher temperatures. The lower nitrogen release for this composition is supported by our previously published theoretical results predicting a minimum in the free energy of c- TiAlN and TiCrAlN coatings (Cr < at. 17 %) be attributed to the stress generated by the coherent Ti-or TiCr-and Al-segregation obstructing dislocation movement [6, 7, 11, 17] .
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Decomposition mechanisms
There are two co-occurring and competing decomposition mechanisms that are responsible for the higher hardness at elevated temperatures of Ti 0.11 Cr 0.28 Al 0.61 N compared to the coatings with less Ti. One mechanism is the precipitation and growth of h-AlN domains at the grain boundaries, which is the observed decomposition route in CrAlN coatings [5] . The other mechanism is the spinodal decomposition of the grain interiors into TiCr-and Al-rich c-TiCrAlN domains similar to the observed decomposition route in TiAlN coatings [6, 7, 17] or in TiCrAlN coatings [11] (up to 17
at. % Cr). Theoretical results show that there is a higher miscibility gap between TiN and AlN compared to CrN and AlN [18] . Theoretical results also predict a lower free energy in c-Ti x Cr y Al 0.6 N coatings for compositions around y=0.4 compared to x=0.4 [13, 18] .
However, to evaluate the stability of these coatings, the second derivative of the free energy should be investigated, i.e. the driving force for spinodal decomposition. If the second derivative is negative the decomposition may occur spontaneously without any requirement of nucleation. Theoretical and experimental results have recently shown that by replacing the Ti atoms in c-TiCrAl 0.5-0.6 N with up to 17 at. % Cr the driving force for spinodal decomposition is reduced [11] . It was also reported that when the Cr-content was increased from 7 to 17 at. % formation of h-AlN precipitates occurred at the grain boundaries [11] . However, the h-AlN precipitation was less pronounced and showed smaller volume fractions at temperatures between 900 ºC and 1100 ºC in comparison to 
Oxidation behavior
It has previously been shown that the oxidation resistance of CrN thin films can be improved through incorporation of Al [9, [19] [20] [21] [22] . In particular, for magnetron sputtered Cr 0.40 Al 0.60 N [23] it has been reported that the onset of oxidation occurs at 700 ºC with a mass gain of ~2 % at 1100 ºC using a heat rate of 20 ºC/min. As seen in the inset of is known to be a good oxygen diffusion barrier [24] and the promotion of α-Al 2 O 3 in TiAlN has previously been suggested to be the reason for the improved oxygen resistance with increasing Al content observed in this system [25] [26] [27] . This is in agreement with the results presented here as the thin α-(CrAl) 2 O 3 protective oxide layer is clearly more effective compared to TiO 2 as seen in the samples with higher Ti content.
There is also another aspect of the Ti addition related to the formation of a protective oxide layer. The addition of Ti results in a delayed and suppressed nitrogen release and consequently also a delayed formation of β-Cr 2 N and bcc-Cr. It has been suggested that the improved oxidation resistance seen when adding Al to CrN is related to an altered bond structure with stronger Al-N bonds, which suppress nitrogen release and stabilize the cubic structure [23] . However, in case of Ti additions to CrAlN the nitrogen release is also delayed and the cubic structure is also stabilized but at the same time the oxidation resistance becomes worse. Thus, this explanation can not be valid for TiCrAlN coatings.
It has been shown that TiAlN coatings can exhibit a co-existence of TiO 2 and α-Al 2 O 3 oxide layers where the structure contains two surface sublayers. α-Al 2 O 3 is located closest to the surface and TiO 2 is formed below [28] . TiO 2 formation is known to be associated with compressive stress generation during its formation leading to crack formation in the oxide layer [29] resulting in a degraded protection [27] . Eventually the TiO 2 layer emerges to the surface and the oxidation increases rapidly [28] . This implies that, the microstructure affects the oxidation resistance significantly where for example the oxidation resistance varies with the coating density tuned by the substrate bias [28] .
Therefore we account the decreased oxidation resistance to structural effects similar to 
